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by the exchange reaction. Given the fact that only a 
minority of the chains are exchanged, a fairly substantial 
change in N of the reacted macromolecules would lead to 
a modest change in [77] in any case. Therefore, the con- 
stancy of R is considered more significant evidence that 
the skeletaf chemistry of the HPB is unaffected by the 
D-H exchange reaction. This point will be checked more 
thoroughly with techniques such as gel permeation chro- 
matography and melt rheology in future work. 

The observation that only a small fraction of the chains 
are appreciably reacted is something of a surprise, though 
this probably results from the use of heterogeneous cata- 
lyst. We note, however, that a similar product distribution 
is obtained in analogous deuterium-exchange reactions 
involving n-hexaneI3 and n-heptane14 over metal catalysts. 
Addition reactions, on the other hand, appear to proceed 
more uniformly; saturation of polybutadiene with either 
H2 or D2 over a heterogeneous palladium catalyst results 
in quantitative addition to all c h a i n ~ . ~ J ~  It is clear that 
more experiments, including those using a deuterated 
solvent, are needed to improve the yield of labeled chains 
by exchange. Another point to be investigated is the 
possible dependence of exchange kinetics on molecular 
weight, as this would affect interpretation of SANS pat- 
terns of polydisperse samples prepared in this manner. 
Such work is currently under way. 

This exchange technique should be applicable to other 
polyolefins and polymers containing olefinic sequences. 
The availability of a direct method for obtaining deuter- 
ated polymers will significantly expand the power of SANS 

experiments to study polymeric systems. 
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Deformation Behavior of Styrene-Butadiene-Styrene Triblock 
Copolymer with Cylindrical Morphology 
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ABSTRACT: Morphological changes related to deformation of styrene-butadiene-styrene block copolymers 
with a cylindrical microdomain structure have been studied by small-angle X-ray scattering. The behavior 
of originally isotropic, solution-cast samples has been compared with the deformation and related structural 
changes of samples with original macroscopically oriented morphology. The structure related to various stages 
of deformation has been determined from SAXS patterns by considering separately changes in the single-particle 
scattering and changes in the lattice factor, both of which influence the scattering patterns. The early and 
intermediate stages of deformation of the triblock copolymer are controlled by its morphology, while a t  large 
extensions the deformation and resulting structure are determined by molecular orientation in the polybutadiene 
phase. 

I. Introduction 
Peculiar mechanical properties of triblock styrene-bu- 

tadiene-styrene (SBS) polymers have been observed by 
many When stretched, in some cases, these 
polymers initially show a stress-strain dependence similar 
to those of glassy polymers drawn below the glass tran- 
sition temperature. Beyond the yield point, however, the 
SBS polymer becomes rubbery with high elasticity and 
large recoverable de fo rma t i~n .~ -~  Moreover, after 
stretching and especially upon annealing after removal of 
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the external stress, the specimens can show a healing effect 
in that properties of the original undeformed state are 
reco~ered.~-~ Attempts have been made to explain these 
effects on the basis of structural changes at various stages 
of deformation. The strain-induced plastic-to-rubber 
transition in SBS block copolymers has been attributed 
to fragmentation of the originally rigid structure by large 
plastic deformation of the glassy component. The healing 
process has been attributed to the reformation of the or- 
iginal structure."' The understanding of the deformation 
mechanism in this type of polymer is, however, still not 
satisfactory. 

Detailed consideration of these effects must take into 
account the morphology of these polymers, which is highly 
heterogeneous and ordered on various dimensional levels. 
Figure 1 shows schematically the cylindrical microdomain 
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Figure 1. Levels of order in macmopically isotropic samples 
of SBS block Copolymers with cylindrical microdomain strueturas: 
(a) molecular level; (b) submicroampic level; (e) miemsoopic level. 
PS and PB designate polystyrene and polybutadiene mierophases, 
respectively. 

structure that can form in this type of block copolymer. 
The order on the molecular level is caused by microphase 
sepmation which takes place due to repulsive interactions 
between different constituent molecular chains (Figure la). 
As a result the block chains are spatially segregated into 
microdomains, each containing essentially only one con- 
stituent.”Iz The size of the microdomains and their 
nearest-neighbor distance are of the order of the unper- 
turbed c h i n  dimensions due to the molecular connectivity 
of the constituent macromolecules.”z 

In SBS block copolymers the ends of the molecular 
chains form polystyrene microphases while the central 
parts of the macromolecules build up polybutadiene mi- 
crophases as illustrated in Figure la. Thus the chemical 
junction points between different block chains are located 
at the interface. There are two possible chain configura- 
tions related to such a structure that are important from 
the mechanical point of view: (1) the polybutadiene chain 
can form a ‘‘loop” when the polystyrene parts of the same 
molecule are in the same polystyrene domain, or (2) the 
polybutadiene chain can form a “bridge” when the styrene 
ends of the molecule belong to different polystyrene do- 
mains. Sizes of domains and their morphology are related 
to the molecular volumes of the polystyrene and poly- 
butadiene blocks.”2 Figure 1 shows the cylindrical mi- 
crodomains of polystyrene immersed in the polybutadiene 
matrix. Many experimental studies have shown that the 
cylindrical microdomains can be spatially ordered, with 
the same local orientation or even forming a lattice with 
relatively uniform distances between cylinder axes (Figure 
lb).U-28,31 Such an ‘ordered microcomposite material” is 
mechanically highly anisotropic.2B.*aB The spatial order 
can extend to macroscopic dimensions under special 
treatment of the s a m ~ l e s . ~ a  In most cases, however, there 
are ordered regions (“grains”) with dimensions of several 
microns. Generally, adjacent grains have dissimilar ori- 
entations of the cylinder axes (Figure IC) so that samples 
much larger than the grain dimension are macroscopically 
isotropic . 

If an external force is applied to such a sample, the local 
stresses and strains will fluctuate considerably according 
to fluctuations of the local mechanical properties caused 
by random orientation of the anisotropic structural ele- 
ments. Hence at a certain stage of macroscopic defor- 
mation, the individual grains can be at various local de- 
formation states and the macroscopic mechanical response 
will be a complex combination of these local mechanical 
states. The apparent structure of such samples represents 
an average over the various local structural states. 

We have studied the structural changes observed during 
deformation of initially isotropic samples of SBS block 
copolymers compared with the behavior of the samples in 
which the orientation of the cylindrical domains extends 

C h e r  of the Cylinder 

F i u r e  2. Parameters describing the unidimensional lattice of 
cylindrical microdomains. 

uniformly along the whole sample. The oriented samples 
were deformed parallel, perpendicular, and at 4 5 O  to the 
direction of the initial orientation of the domains. These 
samples are considered as models of local behavior in the 
initially isotropic samples. 

Polymer structure was studied by small-angle X-ray 
scattering. We first discuss changes in X-ray scattering 
patterns that can result from structural changes in these 
polymers. 

11. Small-Angle X-ray Scattering from 
Cylindrical Microdomains 

Small-angle X-ray scattering is especially useful in 
studies of block copolymers in which the dimensions of 
structural elements are in the range of the highest sensi- 
tivity of the technique. There are many proceduress2” for 
analysis of scattering data that permit detailed charac- 
terization of polymer morphology. They are, however, 
primarily applicable to high degrees of order or high d e  
grees of disorder of structural elements. 

The morphological changes resulting from deformation 
of block copolymers are very complex, and many structural 
parameters (such as sizes of domains, their orientation 
distribution, and interdomain distances and their relative 
uniformity) can change ~imultaneously.~’ There are no 
general methods for drawing quantitative conclusions 
about all of these changes from the scattering patterns 
alone. We here discuss qualitatively som - effects of 
structural changes in oriented samples on i’.e shape of 
scattering patterns that are obtained in highly deformed 
samples of SBS block copolymers. 

Our interpretation is based on a simpliied model of a 
one-dimensional assembly of the cylindrical domains, the 
orientation and intercylinder distances of which can con- 
stitute a kind of unidimensional lattice. We assume that 
the assembly lies in the plane perpendicular to the incident 
X-ray beam. The parameters describing such a model are 
illustrated in Figure 2. We choose the vertical direction 
as the direction of stretching (SD). The vedor r is parallel 
to the axis of the unidimensional lattice along which the 
centers of the cylindrical domains are arranged with a 
mean identity period of D. The lattice axis r is generally 
inclined to SD by an angle a. The orientation of the 
cylindrical axes n can be inclined to the lattice axis by an 
angle B. 

It is well-known that the scattered intensity distribution 
that determines the shape of the observed scattering 
pattern depends on all these parameters, and their rela- 
tionship can be described approximately by the equationB 

I - (f)*Z 
where ( f ) *  denotes a particle-scattered intensity (particle 
factor) dependent on shape, size, and orientation of in- 
dividual particles (cylinders), and Z denotes a lattice faetor 
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F ~ r e  3. Influence of particle length and interparticle distance 
of the unidimensional lattice of cylindrical microdomains on the 
scattering patterns: (a) assumed structures; (b) schematic rep 
resentstion of resulting scattering patterns. 

dependent on the interparticle distances. 
Figure 3a shows the simplest cases of unidimensional 

superstructures in which the lattice vector r is perpendi- 
cular to the particle vector n (@ = 90'). Both the particle 
factor and the lattice factor can change: the first due to 
the length of the particles (L) and the second due to the 
fluctuations of the interparticle distances (ADID), the 
lattice points being shown by dots in the figure. Figure 
3b shows schematically changes in scattering patterns that 
result from changes in these two factors. We represent the 
scattering from a single particle by an ellipsoid, the axial 
ratio of which is higher for long, well-developed particles 
and the long axis of which is oriented perpendicular to the 
particle orientation. Generally, the scattering intensity 
associated with the particle factor decreases monotonically 
with scattering angle at the small angles of interest. The 
interparticle lattice will give maximum scattering intensity 
a t  the angle reciprocally related to the mean distance (D) 
between the centers of the particles along the lattice axis. 
The scattering maximum associated with Z extends lat- 
terally to infinity because of the one-dimensionality. 
However, dependending on the degree of the lattice dis- 
tortion, this maximum along the longitudinal direction 
(parallel to r) can be sharp and intensive or broad with 
a low maximum intensity as represented in Figure 3b by 
horizontal bands with various widths of the scattering 
angle intervals related to the first-order interparticle in- 
terference maximum. The net scattering pattern I is de- 
termined by a product of these two contributions ( f ) *  and 
Z. 

As shown in Figure 3b the shape of the scattering pat- 
tern can change according to changes in the structural 
parameters, and it is possible that some qualitative con- 
clusions about these parameters can he drawn from ex- 
perimental patterns by analysis of their shapes. A more 
complex superstructure, in which orientation of the cyl- 
indrical domains and lattice axes can change with respect 
to the stretching direction, is illustrated in Figure 4 to- 
gether with the expected changes in the scattering patterns. 
The scattering patterns depend on whether the particle 
or the lattice factor becomes more sharp. In case A the 
structure has lattice vector r parallel to the stretching 
direction (a = 0') and particle vector n inclined to the 
lattice vector (0' < @ < 90'). In cases B and C the lattice 
vectors are inched  to the stretching direction (On < a < 
90°) while the particle vectors have particular orientations 
with respect to the lattice: (1) B = 90' and (2 )  B = a for 
B and C, respectively. As a result in C the particle vector 
n is parallel to the stretching direction. The structures 
assumed in D and E are identical to those in A and C, 
respectively, except for the rotation of the lattice vector 

real space reciprocal space 

Figure 4. Structures and resulting forms of scattering patterns 
for vmioua orientations of particles and lattice axes with respect 
to drawing direction. 

r by 90' around the axis perpendicular to the paper. 
Consequently the corresponding scattering patterns are 
respectively identical but rotated 90° around the axis 
perpendicular to the paper. It can be seen that the angular 
position of the scattering maximum with respect to the 
scattering angle 28, as well as the shape and orientation 
of the scattering lobes related to the maximum, is de- 
pendent on the structural parameters. Positions of the 
lobes depend on the particle orientation and the average 
interparticle distance while shapes of the lobes and their 
orientation depend on the orientation of particles with 
respect to the lattice axis and on the relative sharpness of 
the particle and lattice factors. In some cases, the structure 
can be uniquely identified by comparing the patterns 
presented in Figure 4 with experimental patterns. For 
example, the very characteristic case a2, in which the short 
particles inclined to the stretchmg direction form a regular 
lattice along the deformation direction, gives rise to a 
scattering pattern with the four lobes elongated in the 
direction perpendicular to the stretching direction. The 
schematic patterns in Figure 4 do not consider any ori- 
entation fluctuations, which under experimental conditions 
can influence considerably the observed intensity distri- 
bution in the scattering pattern. It is clear that the com- 
bined effect of fluctuations of particle orientation within 
the assemblies and of orientation distribution of lattice 
axes among the grains make the interpretation of scat- 
tering patterns more difficult. 

111. Experimental Methods 
1. Samples. Two polymers have been studied (1) re- 

search-grade styrene-butadiene-styrene block copolymer, des- 
ignated TR 41-1648 (Shell Development Co.), with 29.3 wt % 
polystyrene, total molecular weight M, = 110000 (viscosity av- 
erage), and block molecular weights of styrene, butadiene, and 
styrene 16,78, and 16 (in units of thousands), respectively, and 
(2) the same type of triblock polymer, designated TR 1102 (Shell 
Development Co.), with 28 wt % of polystyrene and total mo- 
lecular weight meaaured by GPC 52000 (M.) and 76000 (M,). 
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Figure 6. Intensity distributions in SAXS patterns (a) for 80- 
lutionsast samples of TR 41-1648 and TR 1102 under through- 
radiation, (b) for solutionsast film of TR 1102 under edge-ra- 
diation, and (c) for press-molded sample of TR 1102 under 
through-radiation. 

The isotropic film specimens were obtained by solvent casting 
from a 10% solution of the polymer in toluene. The films with 
oriented cylindrical morphology were prepared h m  polymer TR 
1102 hy press-molding at 160 "C, the orientation being obtained 
by shear flow. 

For drawing experiments, ribbon-shaped spefimena 5 mm wide 
were cut out from the films. which were about 2 mm thick. 
Samples of the oriented films were cut out along directions paraUel 
to, perpendicular to, and at 4 5 O  to the flow direction of the 
polymer. It was established as we will show later that the flow 
direction coincided with the direction of orientation of the cyl- 
indrical microdomains. 

2. SAXS Measurements. Sd-angle X-ray measurements 
were performed with rapid X-ray detecting system with a ro- 
tating-anode X-ray generator and a positiongensitive proportional 
counter (PSPC).M" Pinhole collimation was obtained with two 
0.5-mm pinholes separated by 400 mm. The scattered X-ray 
intensity distributions were recorded along the horizontal direction 
1.154 m from the sample. In order to obtain a true point colli- 
mation with identical slit-length and -width weighting functions, 
we placed a height-limiting slit in front of the PSPCM3 The 
full-width at half-maximum (fwhm) for the two weighting func- 
tions was 1.15 mrad, or 7.2 X lo5 nm-l in units of s as defined 
by (2 sin B)/Ax (20 and Ax being the scattering angle and X-ray 
wavelength, respectively), which was sufficiently narrow for our 
studies (for example, fwhm for TR 41-1648 in Figure 5a is 10 X 
10' nm-'.I 

The sample holder. which was able to rotate around the exis 
of the incident X-ray beam, will he d d b d  elsewhere." Samples 
stretched to appropriate draw ratios were clamped in the sample 
holder so that their dimensions did not change during scattering 
measurements. Scattering intensity distributions were recorded 
at various orientations of the drawing direction to the horiwntal 
with the film surface perpendicular to the X-ray beam. Intensity 
distributions corrected for absorption, air scattering. and back- 
ground scattering were used for construction of the two-dimen- 
sional scattering patterns represented by contour lines of equal 
intensity. In Figures 8 and 9 the measured intensity distributions 
are shown by three contour lines of equal intensity with 5,l. and 
0.1 pulses/s (at relative intensity levels). The scattering intensity 
distributions are divided into four differently hatched regions with 
the three contour lines as the borders: regions with intensity 
higher than 5.0 pulses/s. those with intensity between 5.0 and 
1.0 pulses/s, those with intensity between 1.0 and 0.1 pulse/s, 
and those with intensity less than 0.1 pulse/s. AU X-ray scattering 
measurements were performed at rmm temperature 
IV. Results 

1. Structure of Undrawn Sampler The undrawn 
fh east from aolution had the cylindrical m i d o m a i n s  
randomly oriented in the plane parallel to the film surface. 
When the incident X-ray beam was normal to the film 
surface (designated hereafter aa "through-radiation"), the 
scattering intensity distributions were circularly symmetric 
about the incident beam axis. Identical intensity distri- 
butions were obtained from various regions of the samples. 

Figure 6. Electron micrograph of macroscopically oriented do- 
mains in preas-molded samples of TR 1102. 

The intensity distributions for both polymers studied 
under through-radiation are shown in Figure 5% For both 
polymers, however, a preferential orientation of the mi- 
crodomains was o k ~ e d  when the scattering waa recorded 
with the incident beam parallel to the film surface 
("edge-radiation"). 

Scattering intensity distributions from polymer TR 1102 
recorded at horizontal and vertical fh positions are shown 
in Figure 5b, indicating that the cylindrical domains are 
preferentially oriented with their axes n in planes parallel 
to the film surface. 

Figure 5c shows the scattering intensity distributions for 
polymer TR 1102 recorded with the incident beam per- 
pendicular to the film surface and at two sample positions: 
(1) the flow direction vertical, and (2) the flow direction 
horizontal. The results indicate a preferential Orientation 
of the microdomains along the flow direction of the poly- 
mer during film preparation. The presence of three 
maxima on the scattering curve with relative positions at 
scattering angles proportional to 1, 4 3 ,  and 41. respec- 
tively, indicate a hexagonal packing of the microdomains. 
Nearly hexagonal packing of the microdomains was also 
observed for an isotropic sample of TR 41-1648 (Figure 
5a). The two polymers differ in molecular weight, which 
results in differences in the interdomain distances. The 
values of the identity periods (Bragg spacings) determined 
from the position of the firsborder maxima in scattering 
intensity distributions presented in Figure 5 are 335 A for 
TR 41-1648 and 284 and 255 A for isotropic and oriented 
samples of TR 1102, respectively. The good orientation 
of the cylindrical domains in press-molded samples was 
also shown by electron microscopy (Figure 6). 

2. Mechanical Behavior. Figure l a  shows the 
stress-elongation curves for isotropic samples of the two 
polymers stretched at room temperature at a constant 
drawing rate of 2 cm/min. The streas is the nominal streas, 
Le., the drawing force divided by the cross-sectional area 
of the undrawn sample. 

Figure 7b shows the tensile stress-elongation behavior 
of TR 1102 with an originally oriented cylindrical domain 
structure, recorded for samples drawn in three different 
directions with respect to the microdomain orientation 
under the same conditions used for the isotropic samples. 
A sharp yield point is observed for the sample with the 
domains oriented along the drawing direction, and the 
yield stress has the highest value but the elongation at the 
yield point is the smallest. The stress at elongations close 
to the yield point is much smaller for the samples with the 
domains oriented at 45O and perpendicular to the drawing 
direction. The stress-strain curves intersect, however, a t  



1298 Pakula et al. 

TRII .02 ,, 
Macromolecules, Vol. IS, No. 6, 1985 

( ITRETCHING DlRECTlON 

0- 
1 3 5 7  1 3 5 7  x x 

io11 i b) 
Figore 7. Stxwatzain depndenee for (a) solution-cast samples 
and (b) press-molded samples deformed in various directions with 
respect to midomain  Orientation. Curves 1,2, and 3 comapond 
to those deformed parallel, at 45O, and perpendicular to the 
orientation of the cylinders. 

higher elongations (the one point of intersection presented 
here is accidental), and above this point the highest stress 
is needed to deform samples in which the domains were 
originally perpendicular to the drawing diredion. We wil l  
show later that at low elongation (A) the orientation and 
deformation of the domains control the mechanical he- 
havior but at high elongation the orientation and defor- 
mation of the chain molecules comprising the domains 
control the behavior. 

3. Structural  Changes Related to  Deformation. 
Scattering pattems recorded at various elongations at room 
temperature for originally isotropic samples of TR 41-1648 
and TR 1102 are shown in parts a and b of Figure 8, re- 
spectively. The stretching direction is vertical and the 
numbers hy each pattem indicate the draw ratio at which 
the scattering was recorded. The patterns for the two 
polymers change similarly with extension and, moreover, 
this change is similar to that observed previously for a 
triblock copolymer with a lamellar structure!,' 

A t  small deformations, the meridional scattering max- 
imum related to the microdomains originally oriented 
perpendicular to the stretching direction shifts to smaller 
angles, which means that the interdomain distance has 
increased along the stretching direction. At the same time 
ita intensity decreases, which can he attributed to in- 
creasing disorder in interdomain distances or to reorien- 
tation of the microdomains from the direction perpendi- 
cular to the stretching direction. At  elongations close to 
the yield point the maximum in the meridional direction 
disappears, indicating that almost all microdomains ori- 
ginally oriented perpendicular to the stretching direction 
have changed their orientation. At these elongations also 
the maximum in the euatorial position, related to micro- 
domains originally oriented along the stretching direction, 
starts to decrease and it disappears at elongations greater 
than 100%. This result indicates that the domains ori- 
ginally oriented along the stretching direction have 
changed their orientation or that the interdomain corre- 
lation in such oriented regions has been destroyed during 
yielding. 

At  higher elongations the well-developed four-point 
pattern is observed, indicating that the microdomaina 
assume preferential orientations inclined to the stretching 
direction. Details of these pattems change however with 
increasing deformation; Le., the scattering lobes change 
their shapes and orientations. These changes, according 
to the discussion presented in section 11, can be caused by 
changes in particle length and orientation and by changes 
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Figure 8. SAXS patterns at various draw ratios of deformed 
samples of (e) TR 41-1648 and (b) TR 1102. The numbers 
designate the draw ratios. 

in orientation and perfection of the local interparticle 
lattice. For example, the pattems recorded at elongations 
X = 2.3 for TR 41-1648 (Figure 8a) h d  h = 2.5 for TR 1102 
(Figure 8b) can be compared tb example b, in Figure 4, 
in which the short cylindrical microdomains form a lattice 
perpendicular to the particle orientation (@ = 90') but the 
lattice axes are inclined to the stretching direction by the 
angle a = 30". At higher deformations, X = 5.1 for TR 
41-1648 and X = 4 or X = 6 for TR 1102, the scattering 
pat tem can be compared to example a, in Figure 4. Here 
the lattice axe8 become parallel to the stretching direction 
(a = Oo) but the short microdomains are inclined to that 
direction by the angle 0 5 20'. 

Finally, at elongations close to fracture all maxima in 
the scattering pattern disappear. This range of deforma- 
tion and the related scattering patterns were not observed 
in cases when the sample undeiwent fracture at smaller 
deformations, probably because of some type of inho- 
mogeneity not related to the morphology. 

An unequivocal identification of these changes in scat- 
tering pattems with structural changes is difficult for the 
initially isotropic samples, which have the grain structure 
shown in Figure IC. It is obvious that the grains oriented 
a t  various directions to the drawing direction behave 
differentialy under applied stress and that the observed 
scattering pattems represent integrated information about 
all structural changes taking place in the sample. 

As a model of local behavior in such samples we used 
specimens with a macroscopically oriented structure. 
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Fisure 9. SAXS pattem at various deformations of press-molded 
samples of TR 1102 stretched perpendicular (a), parallel (b), and 
at 45' (c) to the original orientation of the cylindrical microdo- 
mains. The numbers designate draw ratios. 
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Figure 10. Schematic representation of structural changes cawed 
by deformation of originally oriented SBS polymer with the 
cylindrical microdomains: (a) SD perpendicular, (b) SD parallel, 
and (c) SD at 4 5 O  to the original orientation of the cylindrical 
domains. 

Figure 9 shows three series of scattering patterns recorded 
under deformation of such samples with various orienta- 
tions of the original cylindrical microdomains to the 
drawine direction. In all cases the drawine direction is 

I - 
vertical. 

The first series patterns, Figure 9a, is related to defor- 
mation of samoles in which the cvlindrical domain struc- 
ture (n) is oriented perpendicular the applied force. The 
initial scattering has maximum intensity in the meridional 
direction. At small deformations all three maxima indi- 
cating hexagonal packing of the microdomains shift to 
smaller scattering angles. However, their relative inten- 
sities remain nearly constant, which means that the cor- 
relation of the interdomain distances does not change 
under this small deformation except for a uniform ex- 
pansion of the mean interdomain distance along the 
stretching direction and that the rubbery matrix is de- 
formed almost homogeneously. This change of structure 
is depicted schematically in Figures loa (from 1 to 2) and 
lla,b. The deformation behavior changes when the sam- 
ple reaches the yield point on the stress-strain curve 
(compare Figure 7b), probably related to yielding in the 
polystyrene phase. The scattering pattem recorded at this 
deformation range (X = 1.7 in Figure 9a) shows two distinct 
maxima of approximately equal intensity at two different 

1 
yielding in PS 
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Figure 11. Effect of yielding of polystyrene domains originally 
perpendicular to the stretching direction. 

scattering angles hut still in the meridional direction. The 
maximum at smaller angles is related to the first-order 
maximum in the original scattering pattern but its position 
is shifted toward smaller angles with increasing deforma- 
tion, consequently suggesting increased interdomain dis- 
tance. The strong second-order maximum appears when 
the sample passes through the yield point on the stress- 
strain curve and seems to indicate that the deformation 
of some localized regions in the sample has relaxed (see 
parts b and c of Figure 11). The position of this maximum 
is almost the same as that of the first-order maximum in 
the original undeformed sample, which means that the 
original interdomain distance has been restored in these 
regions. It can be supposed, as shown in Figure l lc ,  that 
yielding in the polystyrene domains takes place along a 
direction nearly perpendicular to the cylindrical domain 
axis n. At  these deformations the domains remain per- 
pendicular to the drawing direction. It is, however, sup- 
posed that the initial structure may be fragmented into 
smaller regions within which the local deformation can 
differ considerably. These fragmented domains can now 
change their orientation more easily, as observed in scat- 
tering pattems for samples subjected to large deformations, 
e.g., the pattem for A = 4 (compare pattern a, in Figure 
4). The lateral compression of the sample during uniaxial 
stretching is believed to cause this reorientation of the 
domains. From the arguments in Section I1 (e.g., Figure 
4) it may be concluded that despite changes in the orien- 
tation of the domains the distances between them remain 
correlated along the drawing direction at all deformations, 
as shown in A, Figure 4. In other words, the unidirectional 
lattice vector r remains parallel to the stretching direction. 
This effect is also observed in the last scattering pattem 
in this series (Figure 9a, A = 7.0), which may be compared 
to the example a2 in Figure 4 in which the lattice vector 
r is oriented along the drawing direction but the particle 
vector n is oriented at some small angle to the drawing 
direction. The structural changes described here are il- 
lustrated schematically in Figure loa. 

Samples with the microdomains oriented initially along 
the deformation direction behave differently (Figure 9b). 
The hexagonal packing of the microdomains is preserved 
only at  very small deformations. After yielding, i.e., a t  A 
greater than 1.1, an intensive equatorial scattering is ob- 
served at scattering angles greater than the position of the 
firsborder maximum in the original scattering pattern. 
The related Bragg spacing determined from the pattern 
recorded at X = 1.4 is smaller than the original spacing by 
a factor of 0.84, which is almost the same as the change 
in the lateral dimensions of the deformed sample: d/d ,  
= 0.83. This result means that in spite of the yielding 
process the local change in dimensions related to micro- 
domain structure is the same as the macroscopic defor- 
mation. In fact, macroscopic necking was not observed, 
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axes except that the deformation at  45’ lacks the sym- 
metry in the orientation of the cylinder axes with respect 
to the drawing direction. 

All the structural changes attributed to the observed 
scattering patterns for initially oriented samples are shown 
schematically in Figure 10. 

V. Discussion 
We have presented a variety of deformation behaviors 

that occur when the oriented microdomain structure is 
deformed at various angles to its original orientation. The 
structural changes that differ substantially among these 
samples were observed at low deformations where yielding, 
fragmentation, and reorientation of the domains take place. 
The detailed nature and the sequences of these processes 
are strongly dependent on the orientation of the stretching 
force to that of a “submicroscopic composite” composed 
of hard cylindrical domains of polystyrene embedded in 
the rubbery polybutadiene matrix. Some of the effects 
observed can be understood in terms of the mechanical 
properties of an oriented two-component system. For 
example, it is obvious that a system with domains oriented 
along the drawing direction will behave initially like a 
simple mechanical model of two different phases connected 
in parallel. In such a model most stresses are transmitted 
along the phase with the higher elastic modulus, and this 
is why the stress required for plastic flow in the polystyrene 
phase is reached in such samples at  very small deforma- 
tions. On the other hand, samples with microdomains 
perpendicular to the drawing direction will behave like a 
series connection of the different phases, and a higher 
deformation is needed to produce the stress needed for 
plastic deformation of the polystyrene phase. Thus the 
deformation behavior at  low elongations is controlled 
mainly by the morphology of the sample. 

In contrast to the differences in behavior of various 
samples at low and intermediate deformations, the 
structural state reached at high deformation is almost the 
same for all samples. In all cases the four-point scattering 
pattern was observed with the scattering lobes of intensity 
maxima elongated along the equatorial direction. Ac- 
cording to our analysis of scattering patterns, this indicates 
that the short cylindrical microdomains inclined at p = 20’ 
to the draw direction form a lattice oriented along the 
drawing direction. The explanation for this kind of 
structure in all highly drawn samples, independent of the 
original orientation morphology with respect to the draw 
direction, has to take into account two factors that can 
influence the deformation mechanism and the final mor- 
phology: (1) the system is a composite of two microphases 
with highly different mechanical properties and with the 
elements of the dispersed phase highly elongated (cylin- 
drical microdomains of glassy polystyrene in a rubbery 
polybutadiene matrix), and (2) the polystyrene domains 
can be connected by “bridge” polybutadiene block mole- 
cules which at high extensions will transmit most of the 
mechanical forces between neighboring polystyrene do- 
mains. 

If the morphological factor were to control the defor- 
mation at both low and high elongations, the expected final 
structure in highly drawn samples would comprise frag- 
mented cylindrical microdomains of polystyrene oriented 
with the cylinder axes along the drawing direction. Such 
morphology has been predicted and observed in highly 
drawn composite materials with fibrillar inclusions. The 
observed morphology of highly drawn block copolymer 
samples is, however, completely different and shows that 
the final stage of drawing is controlled by the molecular 
orientation of polybutadiene block molecules. When these 

which indicates a homogeneous deformation in the whole 
sample. The shape of the scattering pattern recorded at  
X = 1.4 can be compared to the predicted case c2 in Figure 
4 for which the cylindrical microdomains oriented along 
the stretching direction form lattices with lattice axes r 
inclined to the deformation direction by an angle a. This 
type of structure produces a scattering pattern with in- 
tensive equatorial scattering and V-shaped lobes. Ac- 
cordingly, we suggest that at this stage of deformation the 
cylindrical polystyrene domains that were originally or- 
iented along the stretching direction undergo local yielding 
which results in both micronecking and breaking up of the 
cylindrical domains in such a way that their yielded and 
nonyielded parts form lattices with the lattice vector r 
oriented at  a = 30’ to the stretching direction. A struc- 
tural model of such changes is shown Figure lob-2. we 
suggest that the micronecking or breaking up of poly- 
styrene cylinders goes on in a correlated way along “slip 
lines” oriented 30’ to the stretching direction. This type 
of structure can be seen in electron micrographs reported 
by Ode11 and Keller28 for similar samples deformed above 
the yield point. 

As the deformation increases further the equatorial 
scattering becomes weak and a four-point pattern appears 
(A = 4 in Figure 9b), which indicates a reorientation of 
microdomains from their original direction. At  the final 
state of drawing the microdomains are inclined to the 
drawing direction by a small angle (Figure 9b, X = 7.2) The 
interdomain lattice orientation (vector r) has changed from 
a direction perpendicular to the domain orientation in the 
original sample to one parallel to the drawing direction in 
samples deformed to X > 7. The scattering pattern ob- 
tained at  this state corresponds to that shown in Figure 
4 a2, for which the lattice factor has a sharper intensity 
distribution along the drawing direction than the intensity 
distribution of the particle factor. In this example the 
orientation of amorphous polybutadiene blocks is initially 
normal to the stretching direction but becomes parallel to 
the stretching direction. The orientation of these poly- 
butadiene chains, along which mechanical energy is 
transmitted through the sample, is probably related to the 
observed disorientation of the fragmented polystyrene 
microdomains, leading to the structure shown schemati- 
cally in the last column of Figure lob. 

In samples in which the microdomains are oriented 45’ 
to the drawing direction the main effect at lower defor- 
mation results from homogeneous reorientation of the 
original structure by a shearing mechanism in the poly- 
butadiene phase. The maxima in scattering patterns re- 
lated to hexagonal packing of the microdomains (Figure 
9c) are observed up to relatively high extension ratios. At  
deformations greater than 100% the intensity distribution 
becomes broader in both the tangential and radial direc- 
tions, suggesting that the cylinders undergo fragmentation 
and inhomogeneous reorientation as well as inhomogene- 
ous deformation of their spacings. This result could be 
caused by local yielding as in the case of samples with 
cylindrical domains originally perpendicular to the drawing 
direction (Figure 11). At  higher deformation ( A  = 4) in- 
tensive scattering maxima are observed, indicating better 
local alignment of the domains, which, in turn, can be 
attributed to possible plastic shear deformation of the 
polystyrene domains. The orientation of the scattering 
lobes indicates that the interlamellar lattice vector is at  
first almost perpendicular to the domain orientation but 
becomes almost parallel to the deformation direction 
(Figure lOc), as is the case in the final deformation state 
of samples drawn parallel or perpendicular to the cylinder 
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Table I 
Comparison of the Macroscopic Deformation with the 

Deformation in Lattice Constant Determined from SAXS 
Measurementsa 

original sample &,A ( D ) / ( D o )  
TR 41-1848, isotropic 335 6 4.7 

TR 1102, domains pardlel to SD 255 7.2 2.96 
TR 1102, domains 45’ to SD 255 7 3.24 

“Do is the identity period (Bragg spacing) of the original struc- 
ture, D is the lattice eonatant along the stretching direction (SD) 
in drawn samples, and A is the macroscopic draw ratio. 

are oriented along the drawing direction, they will cause 
the pcsitional correlation between polystyrene domains 
(vedor r) along the drawing direction, whiclr excludes the 
orientation of domains (vector n) along this direction. The 
resulting structure is shown schematically in Figure 12, 
which is a magnification of the final morphological states 
in Figure 10. From the scattering patterns related to such 
morphology the mean lattice constant ( D )  can be deter- 
mined, and its ratio to the original interdomain distance 
(Do) gives information about the microscopic deformation 
(Table I). The microscopic extension ( D ) / ( D o )  is in all 
cases smaller than the macroscopic deformation, indicating 
that nonaffine and inhomogeneous deformation probably 
results from plastic flow in the polystyrene phase and 
fragmentation of PS domains. This leads to increasing 
number and decreasing size of PS domains and is probably 
associated with displacement of the junction points be- 
tween the constituent block chains along the interface. 

It is reasonable to suppose that the effects of plastic flow 
in the polystyrene phase and elastic extension of poly- 
butadiene chains contribute differently to the final ex- 
tension, depending on the initial orientation of cylindrical 
domains with respect to the drawing direction. For ex- 
ample, when the cylindrical domains are oriented initially 
along the drawing direction, the large plastic deformation 
of the polystyrene domains is observed at  early stages of 
deformation, but the final extension of the polybutadiene 
chains approximated by the ratio ( D ) / ( D o )  (=2.36) is 
relatively small. On the other hand, when the cylinders 
are originally perpendicular to the drawing direction, the 
local plastic deformation is related only to fragmentation 
of polystyrene domains (Figure 10-3) and the PB chain 
extension in the final state is higher ( ( D ) / ( D o )  = 4.0). In 
our opinion these two factors, the plastic deformation of 
PS domains and the elastic extension of PB chains, ac- 
count for the intersection of the stress-strain curves 
presented in Figure 7b. 

Comparison of the scattering pattems recorded at large 
deformations for originally oriented samples (Figure 9) 
with those for originally isotropic samples (Figure 8) shows 
that in the latter the morphology of the final drawn state 
is similar to that for the former. Evidently molecular 

TR 1102, isotropic 284 6 4.6 
TR 1102, domains perpendicular to SD 255 7 4.0 
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orientation determines the large deformation state in or- 
iginally isotropic samples. 

At the early stage of deformation in the originally iso- 
tropic samples, all the effects observed in originally or- 
iented samples probably take place at once with a statis- 
tical distribution that depends on the local initial orien- 
tation of individual grains. However, the lengths (L) of 
the microdomains are limited by the grain size, and it is 
probable that the reorientation of the grains, which is 
related to both rotation of the lattice vector r and the 
particle vector n, is more significant than in the originally 
oriented samples. The scattering patterns recorded at 
intermediate deformations of initially isotropic samples 
( h  = 2.3 in Figure 8a and h = 2.5 in Figure 8b) correspond 
to the pattern hz in Figure 4, indicating that the interdo- 
main distances are not correlated along SD but are inclined 
to it by the angle a (compare cases a2 and h2 in Figure 4). 

In the originally isotropic samples the microdomains of 
limited lengths do not need to he fragmented for reorien- 
tation and therefore the plastic deformation of the poly- 
styrene domains makes little contribution to the macro- 
scopic deformation compared with originally oriented 
samples and may involve higher elastic extension of the 
polybutadiene chains. In fact the extension of poly- 
butadiene chains indicated hy the ratio ( D ) / ( D o )  is rel- 
atively high for such samples as shown in Table I. 

VI. Conclusions 
SBS block copolymers at small deformations behave as 

typical composite materials in which the morphology and 
properties of the microphase control the mechanical be- 
havior. At high deformations, however, the orientation of 
the molecules, which originates from the molecular con- 
nectivity of the constituent polymers forming the micro. 
domains, controls the mechanical behavior and final 
morphological state, in contrast to physical composites. 
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ABSTRACT The influence of key physicochemical variables such as density, molecular weight, branching, 
and thermal history on the dynamic mechanical behavior of polyethylene has been studied. On the basis 
of our own results and the subject literature, the mechanisms for the CY-, 0-, and y-relaxation processes are 
reviewed. The mechanism of a-relaxation appears to be well established, i.e., it is due to motions of the interfacial 
regions (tie molecules, folds, loops, etc.) which require chain mobility in the crystal as a precursor and its 
temperature depends solely on the crystallite (lamellae) thickness. Our results on 0-relaxation suggest it to 
be a glass transition. The y-relaxation process involves the motion of a short polymer segment (e.g., three 
to four CH2) belonging to the bulk amorphous fraction and the chain ends within the crystalline or amorphous 
phases. The data on energy dissipation and stiffness for various polyethylenes are also presented. 

Introduction 
Recent ly  we have had applied dynamic  mechanical 

analysis (DMA) to polyethylene in order to understand or 
explain the product behavior in applications. Interpre- 
tation of dynamic mechanical properties of polyethylene 
i n  the l i terature ,  however, has been quite controversial. 
Not only the interpretat ion of dynamic mechanical be- 
havior but also the published data differ because of dif- 
ferences i n  instrumentat ion,  experimental conditions, 
sample history, etc. A study’ was, therefore, undertaken 
to have a better understanding of the dynamic mechanical 
properties of polyethylene and, subsequently, to use these 
results for defining s t ructure/property relationships and 
relate them to the product  performance. Apparent ly ,  a 
somewhat related study by Popli et aL2 was under way and 
has appeared in the literature recently. These authors have 
presented an update  of the controversial literature on the 
mechanical relaxations in polyethylene and, therefore, we 
will not br ing up all the previously reported data. Al- 
though Popli et al. discussed only the a- and @-relaxations, 
we have s tudied y-relaxation as well i n  addi t ion to the 
viscoelastic propert ies  of polyethylene in the solid s ta te .  
Preliminary results of our s tudy have appeared elsewhere? 

In th is  manuscript we discuss the dynamic mechanical 
propert ies  of polyethylene i n  the light of our results and 
the subject  literature. Accordingly, the mechanisms re- 
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sponsible for the three major, a-, p-, and, y-relaxations are 
proposed. 

Experimental Section 

study: 
Materials. The following eight samples were selected for this 

sam - 
ple 
no. description source 

linear, LL-1001 Exxon 
conventional NBS 1 4 7 6  NBS LDPE { 

3 high molecular weight, Hercules [ Lot90449 
Union Carbide 

Paxon 4100, Lot 273908  
4 1 0 0 ,  Lot 293922  

Milk-Bottle Grade Allied 
Milk-Bottle Grade 

7 
8 

Sample Preparation. Except for IR and NMR, all the ex- 
perimental work was carried out on molded samples. Square 
pieces measuring 2 in. X 2 in. and about 50-mil thickness were 
compression molded. Thermal history was varied as follows: 

Samples 1-8 were molded and then slow cooled in the molding 
press to maximize the crystalline content. A portion of the 
slow-cooled samples 1, 2, 3, and 8 was subsequently annealed 
under vacuum in an oven for 25 h a t  70 and 100 “C. Except for 
samples 4 and 6, all samples were also quenched in water from 

4 
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